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Phase Trasformations, Mechanical Properties
and Corrosion Behaviors of Fe-Al-Ti and

Fe-Al-Mn Alloys

Student: Gow-Dong Tsay Advisor: Prof. Tzeng-Feng Liu
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Department of Materials Science and Engineering

National Chao Tung University

Abstract

The microstructural developmentiin-an Fe-24.6 at.%Al-7.5 at.%Ti
alloy, effect of carbon content.on’spinodal decomposition in the Fe-20
at.%Al-26 at.%Mn-(5.0-8.0) at.%C alloys ‘and effect of chromium content
on corrosion resistance in Fe-(7.1-9.1) wt.Al-(29.2-31.3) wt.%Mn-(2.8-6)

wt.%Cr-(0.88-1.07) wt.%C (Fe-(13.2-16.4) at.%Al-(26.6-27.8) at.%Mn
-(2.7-5.6) at.%Cr-(3.7-4.3) at.%C) alloys were examined by means of
optical microscopy (OM), transmission electron microscope (TEM),
X-ray energy dispersive spectrometer (EDS), X-ray diffractometer (XRD)
and Auger electron spectrometer (AES). The results obtained as
follows:

[1]. In previous studies, it is seen that the Ti addition in the Fe-Al
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binary alloys would (1) strongly increase the D0;—B2 and B2—A2
transition temperatures, (2) significantly expand the (A2+D03;) phase
field, and (3) cause the D0O; APBs to exhibit a tendency toward
anisotropy. In addition, a (B2+L2,) (L2, is the ternary equivalent of the
binary D03 structure.) two-phase field was reported to be existent at
temperatures ranging from 1073 to 1273K in the Fe-Al-Ti ternary alloys.
It is noted that the (B2+D03;) two-phase field has not been found by
previous workers in the Fe-Al binary alloys before. However, the
existence of the (B2+L24) two-phase field. in the Fe-Al-Ti ternary alloys
was determined principally by wusing - X-ray diffraction, differential
scanning calorimetry, differential‘thermal analysis and electron-probe
microanalysis. Recently, we have performed transmission electron
microscopy (TEM) investigations on the phase transformations of an
Fe-23 at.% Al-8.5 at.% Ti alloy aged at 1173K. Consequently, it was
found that when the alloy was aged at 1173K for longer times, the L2,
domains grew considerably and an A2—(A2+L2,)—(B2+L2,) transition
occurred at a/2<100>APBs. This feature has never been reported by
other workers in the Fe-Al-Ti alloy systems before. Extending the
previous work, the purpose of this study is an attempt to examine the
microstructural developments of the Fe-24.6 at.% Al-7.5 at.% Ti alloy
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aged at 1173K. It is noted that according to the previously established
isothermal sections of Fe-Al-Ti ternary alloys at 1173K, the chemical
compositions of both the previous alloy and the present alloy are just
located in the (B2+L2,) region. However, the chemical composition of
the present alloy is much closer to the A2/B2/L2, apex than that of the
previous alloy.

In the as-quenched condition, the microstructure of the Fe-24.6 at.%
Al-7.5 at.% Ti alloy was the mixture of (A2+L2,) phases. When the
as-quenched alloy was aged.at 1173K for 6 h, the L2; domains grew
considerably and the B2 phase was formed at a/2<100> APBs as well
as the phase separation:from 'well-grown L2, to (B2+L2:*) occurred
basically contiguous to the"a/2<100>-APBs., where L2,* is also of
L2,-type structure. After prolonged aging at 1173K, the phase separation
would proceed toward the inside of the whole well-grown L2, domains.
Consequently, the microstructure of the alloy aged at 1173K for 36 h
was essentially the mixture of (B2+L2*) phases.

[2]. The microstructural developments in fully austenitic FeAIMnC
alloys, prepared by conventional casting processes, have been
extensively studied by many researchers. In these studies, when an
alloy with a chemical composition in the range of Fe-(7.8—11.8) wt.%Al
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-(28-34.3) wt.%Mn -(0.74-1.3) wt.%C (Fe-(14.2-20.9) at.%AlI-(25-30.1)
at.%Mn-(3.1-5.2) at.%C) was solution heat-treated in the single
austenite (y) phase (disordered face-centered cubic (fcc)) region and
then quenched rapidly, the microstructure of the alloy was single-phase
v. When the as-quenched alloy was aged at 500-550°C for moderate
periods of time, fine (Fe,Mn);AICx carbides (k' carbides) began to
precipitate coherently within the y matrix. The (Fe,Mn);AICx carbide has
an ordered fcc crystal structure which belongs to the L'1, type. Recently,
we performed transmission electron microscopy observations on the
phase transformations of an Fe-9 wt.%Al-30 wt.%Mn-2 wt.%C (Fe -16
at.%Al-26 at.%Mn-8 at.%C) alloy. Consequently, we found that the
microstructure of the alloy in+the.as-quenched condition was y phase,
which contained fine k' carbides formed within the y matrix by spinodal
decomposition during quenching. This is quite different from that
observed in the austenitic FeAIMnC alloys with 3.1<C<5.2 at.%, in
which fine k' carbides could only be observed in aged alloys. This
finding suggests that the carbon content may play an important role in
the formation of fine k' carbides within the y matrix during quenching.
However, to date, the reason why adding a greater amount of carbon

could lead to this result is unclear. Therefore, the main purpose of this



work is to study systematically the effect of carbon content on the
as-quenched microstructure of Fe-20 at.%Al-26 at.%Mn-C alloys with

5.0=C<8.0 at.%.

The experimental results revealed that spinodal decomposition and
formation of ordered k' carbides could be observed in the Fe-20
at.%Al-26 at.%Mn-C alloys with 5.5=C<8.0 at.% under the as-quenched
condition. Both the wavelength and the amount of ordered k' carbides
increased with increasing of carbon content, indicating that the
temperatures of both spinedal decomposition and ordering reaction
increased with increasing icarbon content. -With increasing carbon
content, the lattice parameters. of both the ordered k' carbides and the
disordered vy, phase increased, whereas the misfit between the two
phases decreased. Especially, the coherency strain energy was
increased dramatically as the carbon content approached slightly below
5.5 at.%. Given the remarkable increase in strain energy, undercooling
may be insufficient to overcome the strain energy effects, which are
responsible for the absence of spinodal decomposition and formation of
ordered k' carbides in the present alloy with 5.0 at.% C and in previous
austenitic FeAIMnC alloys with 3.1<C<5.2 at.% under the as-quenched

condition. Additionally, the carbon concentration in the k' carbides

X1



formed in the present alloys increased with increasing carbon content.
This indicates that a higher degree of carbon supersaturation in the
initial y phase might promote a tendency toward C-rich k' carbides
formation during quenching.

[3]. Previous studies have shown that the as-quenched
microstructure of the Fe-(7.8-10) wt.%AI-(28-34) wt.%Mn-(0-1.75) wt.%
M (M=Nb+V+Mo+W)-(0.85-1.3) wt.%C alloys is single austenite (y)
phase or y phase with small amounts of (Nb,V)C carbides. Depending
on the chemical composition,.the ultimate tensile strength (UTS), yield
strength (YS), and elongation|-of the las-quenched alloys ranges from
840 to 950 MPa, 410 to 550 MPa-and 70-to 57%, respectively. Based on
the results of the previous studies, it.can be generally concluded that
alloys having an optimal combination of strength and ductility can be
obtained when the as-quenched alloys are aged at 550°C for about 16 h,
this optimal combination is obtained because of the formation of fine
(Fe,Mn);AIC carbides (k' carbides) within the y matrix and the absence
of precipitates on the grain boundaries. These alloys have an elongation
better than about 30%, and UTS and YS values of 953~1259 MPa and
665~1094 MPa, respectively. Although the austenitic FeAIMn(M)C
alloys possess the remarkable combination of strength and ductility, the
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corrosion resistance of these alloys in aqueous environments is not
adequate for use in industrial applications. In order to improve the
corrosion resistance, chromium has been added to the austenitic
FeAIMnC alloys. Consequently, it has been found that the corrosion
resistance of the as-quenched Fe-(7.1-9.1) wt.%Al-(29.2-31.3) wt.%Mn
-(2.8-6) wt.%Cr-(0.88-1.07) wt.%C alloys becomes considerably better
than that of the as-quenched or aged FeAIMn(M)C alloys. However, the
as-quenched microstructure of these FeAIMnCrC alloys still remains to
be single y phase. It is thus expected that:the mechanical strength of the
as-quenched FeAlMnCrC- alloys would be low similar to that of the
as-quenched FeAIMn(M)C alloys: Furthermore, previous studies on the
Fe-(8.7-9) wt.%Al-(28.3-30) « wt.%Mn~(5-5.5) wt.%Cr-(0.7-1) wt.%C
alloys aged at 550~600°C for a time period longer than 8 h have
indicated that besides the formation of the fine k' carbides within the y
matrix, the coarse (Fe,Mn,Cr);C; carbides might precipitate
heterogeneously on the grain boundaries. The precipitation of the
coarse (Fe,Mn,Cr);C; carbides on the grain boundaries results in the
corrosion resistance being poor. This implies that it is difficult for the
austenitic FeAIMn(M)C and FeAlMnCrC alloys examined in the previous
studies to possess both high-strength and high-ductility along with good

Xiii



corrosion resistance. Therefore, the main aim of this study is to develop
new austenitic FeAIMnCrC alloys that possess high-strength and
high-ductility as well as an appropriate corrosion resistance.

In this study, a new austenitic Fe-9 wt.%Al-28 wt.%Mn-6 wt.%Cr
-1.8 wt.%C alloy is developed. The as-quenched alloy possesses a
remarkable combination of high-strength, high-ductility, and moderate
corrosion resistance, which is attributed to the presence of fine k'
carbides formed coherently within the y matrix during quenching and to
a layer of Cr and Al oxides in the passive. film. The pitting potential E,,
(-25 mV) of the alloy measured in :3.5% NaCl solution is noticeably
higher than that of the aged FeAIMnC alloys' (-500~-240 mV) and the
tempered AISI 410 martensitic. stainless steel (-250~-100 mV). In
addition, the tensile strength of the alloy is comparable to that of the

aged FeAIMnC alloys and AlSI 410.
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Chapter 1.

General Introduction



General Introduction

Fe-Al alloys are generally used for high-temperature structural
applications due to the low cost, reasonable strength and good corrosion
resistance [1-3]. However, the application ambit has been limited owing to
the low room-temperature ductility and a sharp drop in strength above
873K, which is well-known to be related to the DO0;—B2 phase
transformation [1]. In order to improve the high-temperature strength,
alloying elements was added into the Fe-Al binary alloys as transition
metals (Ti, V, Mo, Ze...etc.) .for increasing transition temperature. The
addition of Ti resulted in-a significantly:large increase of the D0;—B2
transition temperature abaut 60K/at% [4-8].

The microstructures of the Fe-Al-Ti-ternary alloys have been studied
by many workers [8-20]. In the previous studies, it is seen that the Ti
addition in the Fe-Al binary alloys would (1) strongly increase the
D0;—B2 and B2—A2 transition temperatures, (2) significantly expand the
(A2+D03) phase field, and (3) cause the D03 APBs to exhibit a tendency
toward anisotropy. In addition, a (B2+D03) two-phase field was reported to
be existent at temperatures ranging from 1073 to 1273K in the Fe-Al-Ti
ternary alloys [16-20]. It is worth mentioning that the (B2+D03) two-phase

field has not been observed by previous workers in the Fe-Al binary alloys



before [21-22]. However, the existence of the (B2+D03) two-phase field in
the Fe-Al-Ti ternary alloys was determined mainly by using optical
micrography (OM), scanning electron microscopy (SEM), x-ray diffraction
(XRD), differential scanning calorimetry (DSC), differential thermal
analysis (DTA) and electron-probe microanalysis (EPMA) [16-20].
Recently, Su et al. have performed transmission electron microscopy
(TEM) investigations on the phase transformations of Fe-(20-23)
at.%Al-(7, 8.5) at.%Ti alloys aged at 1073~1273K [23-25]. Consequently,
it was found that the as-quenched microstructure of both the Fe-23
at.%Al-7 at.%Ti and Fe-23 at.%Al- 8.5 :at.%Ti alloys was a mixture of
(A2+D03;) phases. The: (A2+D0;) phases were formed by an
A2—B2—(A2+D03) transition during.-quenching [23-24]. When the
Fe-23at.%Al-7at.%Ti alloy was aged at 1073K for moderate times, the
D0; domains grew preferentially along <100> directions and extremely
fine B2 particles occurred at a/2<100> anti-phase boundaries (APBSs).
After prolonged aging at 1073K, the B2 particles would grow to occupy
the whole a/2<100> APBs. As a result, the stable microstructure of the
alloy present at 1073K was a mixture of (B2+D03) phases [23]. Whereas,
when the Fe-23at.%Al- 8.5at.%Ti alloy was aged at 1173K for longer

times, the DO; domains existing in the as-quenched alloy grew



considerably and an A2—(A2+D03;)—(B2+D03) transition occurred at
a/2<100> APBs of the D0; domains [24]. These microstructural evolutions
have never been reported by other workers in the Fe-Al-Ti alloy systems
before. Additionally, we found that when the Fe-23 at.%Al- 8.5 at.%Ti
alloy was aged at 1273K, rod-like C14 precipitates could be observed
within the (A2+DO03) matrix [25]. Although the C14 precipitate was
extensively reported to be observed in the aged Fe-Al-Ti alloys, little
information concerning the orientation relationship between the C14
precipitate and matrix has been provide: By using transmission electron
microscopy, Su et al. determined the orientation relationship between the
C14 precipitate and (A2+D0z) “matrix to' be (0001)ci//( 112 ),
(1100 )c14//( 110 ), (1120 )c1a(144)m [25]:

Phase transformations, mechanical properties and corrosion
resistance in austenitic FeMnAIC alloys have also been studied by many
workers [26-59]. In these studies, it is seen that the as-quenched
microstructure of the Fe-(6-11.8) wt.%AIl-(26-34.3) wt.%Mn-(0-1.75)
wt.%M (M=Nb+V+Mo+W)-(0.54-1.3) wt.%C alloys was single-phase
austenite (y) or y phase with small amount of (Nb,V)C carbides.
Depending on the chemical composition, the alloys in the as-quenched

condition show various ultimate tensile strength (UTS) ranging from 840



to 950 MPa, yield strength (YS) ranging from 410 to 550 MPa and
elongation from 70 to 57% [33, 36-50]. When the as-quenched alloys
were aged at 500~750°C for moderate times, fine (Fe,Mn);AIC carbide (k'
carbide) having an L'1,-type structure started to precipitate coherently
within the y matrix and no precipitates could be observed on the y/y grain
boundaries. Based on the previous studies, it can be generally concluded
that the alloys could possess an optimal combination of strength and
ductility when the as-quenched alloys were aged at 550°C for about 16 h
[33-35, 39]. With an elongation:betterthan about 30%, the values of UTS
and YS could be attained to| be 953~1259 MPa and 665~1094 MPa,
respectively [33-35, 39-40]. /After prolonged aging time within this
temperature range, the coarse (Fe,Mn)sAIC carbide (k carbide) started to
precipitate heterogeneously on the y/y grain boundaries. The coarse k
carbide also has an L'M1,-type structure. Depending on the chemical
composition and aging temperature, the coarse k carbides would grow
into adjacent y grains through a y—a(ferrite)+p-Mn reaction, a y—y,
(carbon- deficient austenite)+k reaction , a y—p-Mn+k reaction or a
y—o+p-Mn+k reaction [30-35]. Due to the formation of the coarse k
carbides on the grain boundaries, both of strength and ductility were

drastically dropped [36-59].



Although the austenitic FeAIMnC alloys could possess the
remarkable combination of strength and ductility, the corrosion resistance
of the alloys in aqueous environments was not adequate for applications
in industry [60-64]. In order to improve the corrosion resistance, Cr has
been added to the austenitic FeAIMnC alloys [63-66]. In these studies, it
was found that E.,r and E,, of the as-quenched austenitic Fe-(7.1-9.1)
wt.%Al-(29.2-31.3) wt.%Mn-(2.8-6) wt.% Cr-(0.88-1.07) wt.%C alloys in
3.5% NaCl solution were ranging from -820 to -556 mV and from -240 to
-27 mV, respectively [63-66]. Jhe results:were much better than the E¢,
(-920~-789 mV) and E,, (-500~-280-mV/).of the as-quenched austenitic
FeAIMnC alloys [60-64].

The effects of Cr addition on the microstructures of the FeAIMnC
alloys have also been examined by several workers [67-68]. In the
previous study [67], it was reported that when the austenitic Fe-9 wt.%Al
-30 wt.%Mn-5 wt.%Cr-0.7 wt.%C alloy was aged at 550-750°C, the fine k'
carbides were formed within the y grains, and a (M;C3+DO03)—

(M;C3+B2)—(M;Cs+a) reaction occurred on the y/y grain boundaries.
Besides, when the austenitic Fe-8.7 wt.%Al-28.3 wt.%Mn-5.5 wt.%Cr-1
wt.%C alloy was aged at 800~1250°C, a (y+Cr;C3)—y—(y+(a+B2+D03))

reaction occurred within the y grain and on the y/y grain boundaries [68].



In addition to extensive studies of FeAIMnC alloys with C=1.3 wt.%,
the phase transformations and mechanical properties in the FeAIMnC
alloys with higher C content have also been examined [69-71]. Recently,
Wang et al. performed TEM observation on the phase transformations of
an Fe-30wt.%Mn-9wt.%Al-2wt.%C alloy [69]. Consequently, it was found
that the as-quenched microstructure of the alloy was y phase containing
fine k' carbides. The fine k' carbides were formed within the y matrix by
spinodal decomposition during quenching. This is quite different from that
observed in the FeAIMnC alloys 'with- C= 1.3wt.%. After being aged at
550~1050°C, the fine k' carbides grew..and a y—y,+k carbide reaction
occurred on the y/y grain ‘boundaries [69]. In the as-quenched condition,
the UTS, YS and elongation‘of.the Fe=(8.5-9) wt.%Al-(28-30) wt.%Mn-
(1.8-2) wt.%C alloys were 1080~1105MPa, 868~883 MPa and 55.5~
54.5%, respectively [70-71]. It is obviously seen that with equivalent
elongation, the mechanical strength was much higher than that examined
in the as-quenched FeAlMnC alloys with C=1.3wt.%. Furthermore, after
being aged at 450~550°C for 9~12 h, the alloys could possess high UTS
ranging from1395 to 1552 MPa and YS ranging from 1262 to 1423 MPa
with a good elongation ranging from 32.5 to 25.8% [70-71].

Based on the above literature review, the purposes of the present



thesis are listed as below:

(1)For extending the previous works, the purpose of present study is an
attempt to examine the microstructural developments of the Fe-24.6
at.%Al-7.5 at.%Ti alloy aged at 1173K. The detailed experimental
results and discussion are presented in Chapter 2.

(2)To date, the reason why higher carbon addition could lead the
formation of fine k' carbides within the y matrix during quenching is
unclear. Therefore, an attempt to study systematically the effect of
carbon content on the as-quenched, microstructure of the Fe-20
at.%Al-26 at.%Mn-(5.0-8.0) at.%C alloys was performed by using XRD
and TEM. The detailed experimental results and discussion are
presented in Chapter 3.

(3)According to the previous literatures, it seems to imply that the
austenitic FeAIMnC and FeAIMnCrC alloys are difficult to possess both
high-strength high-ductility and appropriate corrosion resistance.
Therefore, the purpose of present study is an attempt to develop new
austenitic FeAIMnCrC alloys possessing high-strength high-ductility
and good corrosion resistance simultaneously. The detailed

experimental results and discussion are presented in Chapter 4.
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Phase separation from L2, to (B2+L2,)
In Fe-24.6Al-7.5Ti alloy

Abstract

As-quenched microstructure of the Fe-24.6 at.% Al-7.5 at.% Ti alloy
was a mixture of (A2+L2,) phases. When the as-quenched alloy was
aged at 1173K for moderate times, the L2, domains grew considerably
and B2 phase was formed at a/2<100> anti-phase boundaries (APBs) as
well as phase separation from well-grown L2, to (B2+L2+*) occurred
basically contiguous to the APBs, where L2*is also a L2;-type phase.
With continued aging at 1173K, the phase separation would proceed
toward the whole well-grown L2jdomains. This microstructural evolution
has not been reported in the Fe-Al-Ti.alloy systems before.
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2-1 Introduction

In previous studies [1-11], it is seen that the Ti addition in the Fe-Al
binary alloys would (1) strongly increase the D0;—B2 and B2—A2
transition temperatures [1-10], (2) significantly expand the (A2+ DO0j)
phase field [5-7], and (3) cause the DO; APBs to exhibit a tendency
toward anisotropy [6]. In addition, a (B2+ L2,) (L2, is the ternary
equivalent of the binary D03 structure [3].) two-phase field was reported to
be existent at temperatures ranging from 1073 to 1273K in the Fe-Al-Ti
ternary alloys [7-11]. It is noted that the (B2+ DO03) two-phase field has not
been found by previous workers in the Fe-Al binary alloys before [12-13].
However, the existence of the (B2%L2;) two-phase field in the Fe-Al-Ti
ternary alloys was determined: ‘principally by using x-ray diffraction,
differential scanning calorimetry, differential thermal analysis and
electron-probe microanalysis [7-11]. Recently, we have performed
transmission electron microscopy (TEM) investigations on the phase
transformations of a Fe-23 at.% Al-8.5 at.% Ti alloy aged at 1173K [14].
Consequently, it was found that when the alloy was aged at 1173K for
longer times, the L2; domains grew considerably and an A2—(A2+
L2,)—(B2+ L2,) transition occurred at a/2<100>APBs. This feature has

never been reported by other workers in the Fe-Al-Ti alloy systems before.
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Extending the previous work, the purpose of this study is an attempt to
examine the microstructural developments of the Fe-24.6 at.% Al-7.5
at.% Ti alloy aged at 1173K. It is noted that according to the previously
established isothermal sections of Fe-Al-Ti ternary alloys at 1173K [6-11],
the chemical compositions of both the previous alloy and the present alloy
are just located in the (B2+ L2;) region. However, the chemical
composition of the present alloy is much closer to the A2/B2/L2, apex

than that of the previous alloy.
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2-2 Experimental Procedure

The Fe-24.6 at.% Al-7.5 at.% Ti alloy was prepared in a vacuum
induction furnace by using Fe(99.9%), Al(99.9%) and Ti(99.9%). After
being homogenized at 1523K for 48 h, the ingot was sectioned into
2-mm-thick slices. These slices were subsequently solution heat-treated
at 1373K for 1 h and then quenched into room-temperature water rapidly.
The aging processes were performed at 1173K for various times in a
vacuum heat-treated furnace and then quenched rapidly. TEM specimens
were prepared by means . of double-jet electropolisher with an electrolyte
of 67% methanol and -33% . nitric—~acid.. Electron microscopy was
performed on a JEOL JEM-2000FX scanning transmission electron
microscope (STEM) operating at 200kV. This microscope was equipped
with a Link ISIS 300 energy-dispersive X-ray spectrometer (EDS) for
chemical analysis. Quantitative analyses of elemental concentrations for
Fe, Al and Ti were made with the aid of a Cliff-Lorimer ratio thin section

method.
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2-3 Results and Discussion

Figure 2.1(a) is a selected-area diffraction pattern of the as-quenched
alloy, exhibiting the superlattice reflection spots of the ordered L2, phase
[14-16]. Figures 2.1(b) and (c) are (200) L2, (or, equivalently, (100) B2)
and (111) L2, dark-field (DF) electron micrographs of the as-quenched
alloy, showing the presence of the small B2 domains and fine DO;
domains, respectively [12-13]. In Figures 2.1(b) and (c), it is seen that the
sizes of both B2 and L2, domains are very small, indicating that these
domains were formed during quenching [12-13]. In Figure 2.1(b), itis also
seen that a high density-of extremely-fine/ disordered A2 phase (dark
contrast) could be observed within-the*B2 domains; otherwise, there
would be no contrast within these domains by using a (200) superlattice
reflection [6]. Accordingly, the as-quenched microstructure of the alloy
was a mixture of (A2+ L24) phases. This is similar to that observed by the
present workers in the Fe-23 at.% AI-8.5 at.% Ti alloy quenched from

1373K [14].

Figure 2.2 is a (111) L2, DF electron micrograph of the alloy aged at
1173K for 3 h, clearly revealing that the L2, domains grew significantly

and a/2<100> APBs were coated with the disordered A2 phase. However,
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Flgure 2.1(c)
Figure 2.1 Electron micrographs of the as-quenched alloy: (a) a

selected-area diffraction pattern. The foil normal is [01 i].

(hkl: disordered A2, hkizL2; plane);.(b) and (c) (200) and

(111) L2 DF, respectively.

Figure 2.2 (111) L2, DF electron micrograph of the alloy aged at 1173K

for 3h.
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after prolonged aging at 1173K, some tiny particles started to form within
the A2 phase. A typical example is shown in Figure 2.3. Figures 2.3(a)
and (b) are (111) and (200) L2, DF electron micrographs of the alloy aged
at 1173K for 6 h, showing that the (111) DF image and the (200) DF image
are morphologically identical. Therefore, it is likely to conclude that the
microstructure of the alloy aged at 1173K for 6 h was also L2, phase and
the a/2<100> APBs were coated with the disordered A2 phase. However,
the (111) L2, DF electron micrograph of the same area as Figure 2.3(a)
with a higher magnification revealed that,the a/2<100> APBs were fully
dark in contrast, as shown in/ Figure!2.3(c); whereas the (200) L2, DF
electron micrograph showed .that"some tiny particles (indicated with
arrows) could be observed atthe a/2<100> APBs, as illustrated in Figure
2.3(d). Therefore, it is reasonable to deduce that the tiny bright particles
present in Figure 2.3(d) should be of B2 phase, since the (111) reflection
spot comes from the L2, phase only; while the (200) reflection spot can
come from both the L2, and B2 phases[12-13]. With continued aging at
1173K, the L2, domains continued to grow and a phase separation
started to occur basically contiguous to a/2<100> APBs of the L2,
domains. An example is shown in Figure 2.4. Figure 2.4(a) is a (111) L2,

DF electron micrograph of the alloy aged at 1173K for 12 h, showing that
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Fig. 2.3(d)
Figure 2.3 Electron micrographs of the alloy aged at 1173 k for 6 h. (a)
and (b) (111) and (200) L2, DF, respectively. (c) and (d) (111)
and (200) L2, DF with a higher magnification of (a) and (b),

respectively.
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the a/2<100> APBs broadened and well-grown L2, domains decomposed
into fine L2, domains (designated as L24* phase to be distinguished from
the original L2, phase) separated by dark layers. Figure 2.4(b) is a (200)
L2, DF electron micrograph taken from the same area as Figure 2.4(a),
clearly revealing that in addition to the presence of a few A2 particles, the
whole region is bright in contrast. This indicates that the broadened dark
lines on a/2<100> APBs and dark layers around the periphery of the L2+*
domains should be of the B2 phase. It is apparent that the B2 phase was
formed at a/2<100> APBs and phase separation from L2, to (B2+ L2+¥)
occurred basically contiguous to the-a/2<100> APBs. Figure 2.5(a) is a
(111) L2, DF electron micrograph-of the alloy aged at 1173K for 24 h,
indicating that with increasing aging.time, the phase separation would
proceed toward the inside of the L2, domains. Figure 2.5(b), (200) L2, DF
electron micrograph taken from the same area as Figure 2.5(a), clearly
reveals that only one a/2<100> APB and one A2 particle (indicated with
arrows in Figures 2.5(a) and (b)) could be observed. Figures 2.6(a) and (b)
are (111) and (200) L2, DF electron micrographs of the alloy aged at
1173K for 36 h, revealing that besides a little A2 phase, the well-grown

L2, domains decomposed into the (B2+ L2+*) phases completely.
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Figure 2.4 Electron micrographs of the alloy aged at 1173 k for 12 h.

(a) and (b) (111) and (200) L2, DF, respectively.
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Figure 2.5(a)

(b) | 350nm |
Figure 2.5(b)

Figure 2.5 Electron micrographs of the alloy aged at 1173 k for 24 h.

(a) and (b) (111) and (200) L2, DF, respectively.
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Figure 2.6(a)

(b) | 350nm |
Figure 2.6(b)

Figure 2.6 Electron micrographs of the alloy aged at 1173 k for 36 h.

(a) and (b) (111) and (200) L2, DF, respectively.
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Based on the above observations, some important experimental
results are discussed below. When the present alloy was aged at 1173K
for moderate times, the B2 phase was formed at a/2<100> APBs and
phase separation from well-grown L2, to (B2+ L2:*) occurred basically
contiguous to the APBs. With increased aging time at 1173K, the phase
separation would proceed toward the inside of the whole well-grown L2,
domains. This finding is different from that observed by the present
workers in the Fe-23 at.% AI-8.5 at.% Ti alloy[14], in which we have
demonstrated that when the Fe=23 at.% Al-8.5 at.% Ti alloy was aged at
1173K, the mixture of the«{B2+L2¢) phases occurred at a/2<100> APBs
and no evidence of the phaseseparation could be observed. In order to
clarify the apparent difference; an.STEM-EDS study was undertaken. The
EDS analyses were taken from the areas of the L2, domains, APBs, B2
phase and L2,* domains marked as “L”, “A”, “B” and “L*” in Figures. 2.2
through 2.6, respectively. The average concentrations of the alloying
elements obtained by analyzing at least ten different EDS spectra of each
phase are listed in Table 2.1. For comparison, the chemical composition
of the as-quenched alloy is also listed in Table 2.1. It is clearly seen in
Table 2.1 that when the alloy was aged at 1173K for 3h, the Al and Ti

concentrations in the L2, domains were distinctly higher than those in the
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Table 2.1 Chemical compositions of the phases revealed by EDS.

Chemical composition (at.%)

Heat treatment Phase -
Fe Al Ti
As-quenched A2+1.2, 67.9 24.6 7.5
L2, 65.9 26.2 7.9

1173K, 3 h
APB(A2) 76.4 19.8 3.8
12, 66.5 25.7 7.8

1173K, 6 h
APB(A2+B2) 74.0 22.1 3.9
L2, 67.0 252 7.8
1173K, 12 h L2, 66.2 25.1 8.7
B2 69.6 24.1 6.3
L2, 67.2 25.1 7.7
1173K, 24 h 2, 66.2 25.0 8.8
B2 69.6 24.2 6.2
2, 66.1 25.1 8.8

1173K, 36 h
B2 69.5 24.2 6.3
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as-quenched alloy. This means that along with the growth of the L2,
domains, the concentrations of both Al and Ti at a/2<100> APBs would be
lacking. The insufficient concentrations of both Al (19.8 at.%) and Ti (3.8
at.%) would cause the disordered A2 phase to form at a/2<100> APBs,
which is consistent with the previously established Fe-Al-Ti phase
diagram as shown in Figure 2.7 [10]. According to the phase diagram, the
chemical composition of Fe-19.8 at.% Al-3.8 at.% Ti is just located in the
A2 phase region. EDS analyses indicated that when the alloy was aged at
1173K for 3-12 h, the Ti concentration in the L2, domains maintained to
be about 7.8 at.% and the Al concentration gradually decreased with
increasing the aging time. It is thus expected that the Al atom would
proceed to diffuse toward the a/2<100>APBs during aging. In Table 2.1, it
is seen that when the alloy was aged at 1173K for 6 h, the Al
concentration at a/2<100> APBs increased to 22.1 at.%. The significant
increase of the Al concentration would lead the tiny B2 particles to form at
a/2<100> APBs, which is also consistent with the Fe-Al-Ti phase diagram
in Figure 2.7 [10]. In the phase diagram, it is clearly seen that the
chemical composition of Fe-22.1 at.% Al-3.9 at.% Ti is close to the A2/B2
transition boundary. With increasing the aging time, the L2; domains

continued to grow. The quantitative analyses revealed that the Al
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concentration of the L2, domains in the alloy aged for 6 h was 25.7 at.%
while that for 12 h was 25.2 at.%, which gave a decrease of only 0.5 at.%.
However, along with the enlargement of the L2, domain size, the volume
fraction of the a/2<100> APBs would be lessened considerably. This
means that the slight decrease of the Al concentration in the L2, domains
would cause the Al concentration at a/2<100> APBs to increase
appreciably. Therefore, it «iIs reasonable to believe that due to the
appreciable increase of the Al concentration, the A2 phase existing at
a/2<100> APBs would be transformedto B2 phase [10], as observed in
Figure 2.4(a). TEM observations indicated that along with the formation of
the B2 phase, the phase separation from well-grown L2, to (B2+ L2:%)
occurred basically contiguous to a/2<100> APBs. In the following
description, we will attempt to discuss why the well-grown L2, domains
underwent the phase separation. In the previous studies, it is well-known
that the DO3; phase could be found to exist in the Fe-Al binary alloys only
at temperatures below 823K [12-13], and the Ti addition in the Fe-Al

binary alloys would result in a particularly large increase of the DOs;
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(L21)—B2 transition temperature about 60K/at.% [6-11]. Obviously, the Ti
concentration would be the predominant factor for the stabilization of the
L2, phase at high temperature. In our previous study of the Fe-23 at.%
Al-8.5 at.% Ti alloy aged at 1173K for 6-24 h [14], it was found that the Ti
concentration in the well-grown L2, domains was up to about 11.1 at.%,
therefore, the L2, phase exhibited more stable and no evidence of the
phase separation could be detected. However, when the present alloy
was aged at 1173K for 6-24 h, the Ti concentration in the well-grown L2,
domains was found to be only-about 7.8: at.%, which is noticeably lower
than that detected in the previous -alloy. Therefore, it is plausible to
suggest that owing to the lower Ti concentration, the well-grown L2,
domains seemed not very stable at 1173K. Consequently, the well-grown
L2, domains would separate to the mixture of the Ti-riched L2:* and

Ti-lacked B2 phase, as observed in Figures 2.4 through 2.6.

Finally, three more features are worthwhile to note as follows: (1)
In the previous study [14], it is clearly seen that the a/2<100> APBs of the
well-grown L2; domains exhibited more pronounced anisotropy than
those observed in the present alloy. The reason is possibly that the
well-grown L2, domains in the previous alloy had significantly higher Ti

concentration. (2) The chemical composition of the previous alloy had
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higher Ti and lower Al contents [14]. When the previous alloy was aged at
1173K, the L2, domains grew rapidly and the Ti atom was the major
element for diffusing into the a/2<100> APBs. This effect caused the tiny
L2, particles to precipitate preferentially at a/2<100> APBs [14]. However,
when the present alloy was aged at 1173K, the Ti concentration in the
well-grown L2, domains maintained to be about 7.8 at.% and the Al atom
played the dominant role to diffuse into the a/2<100> APBs. Therefore,
the tiny B2 particles were found to form at the a/2<100> APBs, rather than
L2, particles. (3) According to.the Fe-Al<Ti phase diagrams [6-11], the A2
phase can not appear for the Fe-24.6 at.% Al-7.5 at.% Ti alloy. However,
a little A2 phase was always observed in the present alloy aged at 1173K
for 12-36 h. The reason forthe. difference is plausibly that the phase
diagrams were determined by the Fe-Al-Ti alloys heat-treated at 1173K
for a time period longer than 336 h, whereas the present alloy was aged
for 36 h only. Actually, in the present study, it was found that when the
as-quenched alloy was aged at 1173K for 3-36 h, the amount of the A2

phase was indeed decreased with increasing the aging time.
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2-4 Conclusions

In the as-quenched condition, the microstructure of the Fe-24.6 at.%
Al-7.5 at.% Ti alloy was the mixture of (A2+ L2,) phases. When the
as-quenched alloy was aged at 1173K for 6 h, the L2; domains grew
considerably and the B2 phase was formed at a/2<100> APBs as well as
the phase separation from well-grown L2, to (B2+ L2:*) occurred
basically contiguous to the a/2<100> APBs. After prolonged aging at
1173K, the phase separation would proceed toward the inside of the
whole well-grown L2, domains. Consequently, the microstructure of the
alloy aged at 1173K for 36 h was essentially, the mixture of (B2+ L2:¥)

phases.
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Effect of Carbon on Spinodal Decomposition in
Fe-20Al -26Mn-C Alloys

Abstract

The supersaturated austenite (y) phase decomposed into fine
C-rich ordered k' carbides and C-depleted y, phase during quenching in
alloys with 5.5<C<8.0 at.%. The misfit between k’ carbides and vy, phase
decreased with increasing carbon content. The strain energy increased
dramatically as carbon coentent approeached slightly below 5.5 at.%.
undercooling may be insufficient to.overcome the strain energy effects,
thus leading to the absence of spinodal decomposition and k' carbides
in the present and prior austenitic FEAIMnC alloys with 3.1<C<5.2 at.%
under the as-quenched condition. Additionally, both the amount of
ordered k' carbides and the carbon concentration in the k' carbides
increased with increasing carbon content of the alloy. These results
revealed that a higher degree of carbon supersaturation in the initial y
phase might promote a tendency toward C-rich k' particle formation

during quenching.
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3-1 Introduction

The microstructural developments in fully austenitic FeAIMnC alloys
prepared by conventional casting processes have been extensively
studied by many researchers [1-11]. In these studies, when an alloy
with a chemical composition in the range of Fe-(7.8-11.8) wt.%Al-(28—
34.3) wt.%Mn-(0.74-1.3) wt.%C (Fe-(14.2-20.9) at.%Al-(25-30.1) at.%
Mn-(3.1-5.2) at.%C) was solution heat-treated in the single austenite (y)
phase (disordered face-centered cubic (fcc)) region and then quenched
rapidly, the microstructure of the alloy was single-phase y [1-11]. When
the as-quenched alloy was aged at 500-550 °C for moderate periods of
time, fine (Fe,Mn);AlCx ‘carbides (k" carbides) began to precipitate
coherently within the y matrix-[1=11]. The.(Fe,Mn);AICyx carbides has an
ordered fcc crystal structure which belongs to the L', type [3-8].
Recently, we performed transmission electron microscopy observations
on the phase transformations of an Fe -9 wt.%AI-30 wt.%Mn -2 wt.%C
(Fe-16 at.%Al-26 at.%Mn-8at.%C) alloy [12]. Consequently, we found
that the microstructure of the alloy in the as-quenched condition was y
phase, which contained fine k' carbides formed within the y matrix by
spinodal decomposition during quenching. This is quite different from

that observed in the austenitic FeAIMnC alloys with 3.1<C<5.2 at.%, in
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which fine k' carbides could only be observed in aged alloys [3-11]. This
finding suggests that the carbon content may play an important role in
the formation of fine k' carbides within the y matrix during quenching.
However, to date, the reason why adding a greater amount of carbon
could lead to this result is unclear. Therefore, the main purpose of this
work is to study systematically the effect of carbon content on the
as-quenched microstructure of Fe-20 at.%Al-26 at.%Mn-C alloys with

5.0=C=<8.0 at.%.
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3-2 Experimental procedure

Seven alloys, Fe-20at.%Al-26at.%Mn-C (alloys A (5 C), B (5.5 C), C
6 C), D(6.5C), E(7C),F(7.5C), and G (8 C)), were selected for
investigation in the present study. The alloys were prepared in a vacuum
induction furnace using pure Fe, Mn, Al, and carbon powder. After
homogenization at 1250 °C for 12 h under a controlled protective argon
atmosphere, the ingots were hot-rolled and then cold-rolled to a final
thickness of 2.0 mm. The sheets were subsequently solution heat-treated
at 1200 °C for 2 h and then rapidly quenched in room-temperature water.
X-ray diffraction (XRD) experiments were carried out by using a Bruker
D8 model with Cu-K, radiation operating at 40 kV and 20 mA. Electron
microscopy specimens were ‘prepared by means of a double-jet
electropolisher with an electrolyte solution of 10 vol.% perchloric acid, 30
vol.% acetic acid, and 60 vol.% ethanol. Electron microscopy was
performed on a JEOL-2100 transmission electron microscope operating
at 200 kV. The mean size of the fine k' particles was determined by a

LECO 2000 image analyzer.
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3-3 Results and discussion

Figure 3.1 shows the XRD profiles of the seven alloys in the
as-quenched condition. The profile of alloy A (5 C) reveals only the
fundamental (200), reflection. However, sideband peaks around the
(200), reflection could be observed in alloys B (5.5 C) through G (8 C).
The peak appearing on the low-angle side was the (200),. reflection of
C-rich k' carbides, whereas that appearing on the high-angle side was the
(200),, reflection of the C-depleted vy, phase[9]. The presence of
sidebands demonstrates that the ordered C-rich k' carbides and
C-depleted y, phase were formed through'spinodal decomposition during
quenching in alloys with 5,5=C=8.0at.% [5-7.,9]. Moreover, the intensity of
the (200), peak increased with,increasing carbon content, and the (200),,
(200)r, and (200),, peaks all. shifted to*smaller Bragg angles. This
indicates that the amount of k' particles, as well as all the lattice
parameters of y, k' carbides, and y, phases, increased with increasing
carbon content. It is also shown in Figure 3.1 that with increasing carbon
content, the sidebands moved closer to the main (200), peak, indicating
that differences in the parameters between k' carbides and y, phase
decreased. The experimental data above measured from the XRD

profiles are listed in Table 3.1. The misfit (dx.,,) was calculated using the

equation:
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Figure 3.1 X-ray diffraction profiles around the (200), Bragg reflection for

the present seven alloys.
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S =2 a, ta, (1)
For comparison, the misfit dx., was also calculated. Both are listed
in Table 3.1. The modulation wavelength was determined using the
Daniel-Lipson equation [6-9]:

N hay tan©
~ AO(hZ + K2 +12) (2)

where A = the average modulation wavelength; 8 = the Bragg angle
for the y peak; AB = the angular spacing between the sideband and the
main (200), Bragg peak; and h; k; I'=the:Miller indices of the Bragg peak
(h =2, and k, | = 0). From:Table 3.1, it is.clear that increasing the carbon

content causes the misfit to decrease and the wavelength to increase.

Figures 3.2a through c show selected-area diffraction patterns
(SADPs) of alloys A (5 C), D (6.5 C), and G (8 C), respectively. In addition
to the fundamental (200), diffraction spot, neither the diffraction spot of
ordered k' carbides nor the satellites could be detected in alloy A (5 C).
However, both the ordered k'’ carbides diffraction spot and satellites could
clearly be observed in alloys D (6.5 C) and G (8 C). Evidently, spinodal
decomposition and formation of ordered k' carbides occurred during
quenching. In Figures 3.2b and c, it is also seen that in alloy G (8 C),

which has a higher carbon content, the (100). spot is relatively brighter
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Figure 3.2 Transmission electron micrographs of the present alloys in the

as-quenched condition. (a)-(c) SADPs of alloys A (5 C), D(6.5

C), and G (8 C), respectively. (hkl: k' carbides) , (d)-(e) (100)

DF images of alloys D (6.5 C) and G (8 C), respectively.
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and the spacing between satellites and the main spot is comparatively
smaller. The misfit (d.,) and wavelength (A), obtained from
measurements of the spacing between the satellites and the main spot
along the [100] direction in the SADPs, were 2.24% and 15.7 nm for alloy
D (6.5 C), as well as 1.59% and 22.3 nm for alloy G (8 C), respectively.
Figures 3.2d and e are two dark-field (DF) electron micrographs taken
with the (100), superlattice reflection in the [001] zone. They reveal that
the amount of ordered k' carbides in alloy G (8 C) was significantly
greater than that in alloy D (6:56 C)."In these figures, it is also seen that
fine k' carbides were formed along the <100> direction, consistent with
the appearance of the ‘satellites”along the <100> reciprocal lattice
directions in Figures 3.2b and ¢: These results obtained by TEM were in
good agreement with those investigated by XRD. Image analyses of
Figures 3.2d and e indicated that the mean sizes of fine k' carbides
formed in alloys D (6.5 C) and G (8 C) were about 6 and 11 nm,
respectively. A detailed TEM examination revealed that although the
values of misfit (dx-,,) in alloys D (6.5 C) and G (8 C) reached 2.24 and
1.59%, respectively, no misfit dislocations could be observed on the
interface between the k' carbides and the vy, phase. The reason is

probably that the fine k' carbides are very small. According to the values
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of misfit (d.,,), the expected distances between two misfit dislocations in
alloys D (6.5 C) and G (8 C) were calculated to be about 16.6 and 23.6

nm, respectively, which is much larger than the size of the k' carbides.

Based on the preceding results, some discussion is appropriate. The
microstructure of the present alloy A (5 C) in the as-quenched condition
was single-phase vy, which is similar to that observed in as-quenched
austenitic FeAIMnC alloys with 3.1<C<5.2 at.% [1-11]. However, spinodal
decomposition and formation of ordered k' carbides occurred during
quenching in the present alleys with 5.55C=8.0 at.%. Regarding spinodal
decomposition, two important factors should be considered: (1) interfacial
energy effects, and (2) coherency . sirain energy effects [13]. The k'
carbides is a fcc-based phase of'L","ordered crystal structure with a C
atom at the body center site, an Al atom at the corner positions, and three
(Fe, Mn) atoms positioned randomly at the face center sites in its
fcc-based unit cell [8]. On the other hand, vy, is a disordered fcc phase with
C atoms positioned randomly at the octahedral interstitial sites. As the v,
phase and ordered k' carbides have the same fcc-based crystal structure
and similar lattice parameters, their interface would be fully coherent.
Therefore, only chemical contributions should be considered to the

interfacial energy [13]. The carbon concentration in the equilibrium

49



(Fe,Mn);AICx carbides of austenitic FeAIMnC alloys aged at 500-550 °C
for longer times has been studied by several workers. Consequently,
three different values of X have been obtained (0.4, 0.6, and 0.66) [6,9,11].
Furthermore, to the authors’ knowledge, no information concerning the
interfacial energy between the y, phase and ordered k' carbides has been
provided in previous studies. Additionally, in the early stage of spinodal
decomposition, the composition fluctuation profile exhibited a sinusoidal
wave [6,14]. Therefore, a conclusive description of the interfacial energy
between the y, phase and ordered k' carbides cannot be given in the

present study.

Since the composition_ratio of (Fe,-Mn).and Al in all of the present
alloys approximates that of (Fe,Mn);AlCx carbides, it is plausible to
suggest that the composition fluctuation was primarily due to the carbon
atom. As is evident from the experimental results above, all the lattice
parameters of the phases increased with increasing carbon content of the
alloy. This suggests that the carbon concentration in these phases
increased simultaneously. However, the carbon contribution to the
increase in the lattice parameter of the ordered k' carbides is distinctively
less than in the disordered y, phase [15]. Therefore, although all the

lattice parameters of the phases increased with increasing carbon content,
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the increment in the disordered y, phase was larger than that in the
ordered k' carbides. Consequently, the misfit between the ordered k'
carbides and disordered y, phase would be reduced with increasing
carbon content, which is consistent with the results obtained by XRD and
TEM. To emphasize the characteristics, the variations in the lattice
parameters and misfits as a function of carbon content are plotted in
Figure 3.3. For a fully coherent interface, the coherency strain energy
would be roughly proportional to §*[13]. In Table 3.1, it is clearly seen that
the Szk'-YO in alloy G (8 C) is only 2.424, whereas that in alloy B (5.5 C) is
8.638. This indicates that the strain-energy.in alloy B (5.5 C) is about 3.56
times that of alloy G (8 C). The average change in 82k’-yO between two
adjacent alloys (Aazk’-yO/O.5 at.%) was calculated from Table 3.1. In terms
of our calculations, it was found that the values between alloys B (5.5
C)-C (6 C), alloys C (6 C)-D (6.5 C), alloys D (6.5 C)-E (7 C), alloys E (7
C)-F (7.5 C), and alloys F (7.5 C)-G (8 C) were about 4.261, 3.406, 2.260,
1.406, and 1.096, respectively, which corresponds to a ratio of 3.89: 3.11:
2.06: 1.28: 1. This means that the average increment of strain energy per
decrement of at.% C between 6 and 5.5 at.% C is 3.89 times greater than
that between 8 and 7.5 at.% C. The variation in &%.,, with carbon content

is also plotted in Figure 3.3. The dotted line shows the expected values
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Figure 3.3 Variations in the lattice parameters of k'(m), v (), and v, ()
phases, as well as 8, (0)and 821{':«,0 (o), as a function of the

carbon content.
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Table 3.1. Experimental data obtained from the X-ray diffraction profiles of

the present seven alloys.

Alloy A B C D E F G
Nominal 5 5.5 6.0 6.5 7.0 7.5 8.0
Cat% ———
Virtual 4.98 5.54 6.03 6.52 6.97 7.48 8.02
K’ — 48.816 48777  48.722  48.676  48.615  48.468
26 y 49.7 49.600 __49.461 49311  49.192 49.073  48.882
Yo — 50,364 50.125 ", 49.88  49.688 49.511  49.276
. Ak’ (nm) — 0.3728 ~.0.373k 03735  0.3738 0.3743  0.3753
p;‘;‘lﬁigfer dy(nm) 03666 * 0.3673  -0.3683 + 03693 03701 03710  0.3723
ay, (nm) — 03620 03637 03654 03667 0.3679  0.3695
Misfit & dk-v, — 2939 7551 2.192 1.917 1.724 1.557
(%) Sk'-y — 1.486 1.294 1.130 0.994 0.885 0.802
2 R — 8.638 6.508 4.805 3.675 2972 2424
0 & k- — 2208 1.674 1.277 0.988 0.783 0.643
Wavelength (nm) — 12:40. 14.20 16.49 18.81 21.18 23.42
Ci (at.%) — 11.08 11.59 12.27 12.78 13.63 15.32
(FeMn);AIC, — X=0.50 X=0.53 X=0.56 X=0.59 X=0.63 X=0.73
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extrapolated from the 82k’-YO_C plot. It is evident that the slope of the 82k’-yO

—C curve increased gradually with decreasing carbon content from

8.0 at.% C, and became very steep as the carbon content approached
concentrations slightly below 5.5 at.%. Accordingly, it is reasonable to
expect that a small amount of decrease in carbon content below 5.5 at.%
would cause the coherency strain energy to increase dramatically. As a
result, undercooling may be insufficient to overcome the strain energy
effects. Consequently, spinodal decomposition was completely
suppressed and not detected in the present alloy A (5 C). In addition, the
experimental results revealed that both the wavelength and the amount of
ordered k' carbides increased with:-increasing carbon content. This
suggests that the temperatures®of"both spinodal decomposition and

ordering reaction increased with increasing carbon content.

In previous studies, it was seen that when austenitic FeAIMnC alloys
with 3.1=C<5.2 at.% were solution heat-treated at 980-1050 °C and then
rapidly quenched in room-temperature water or ice water, the
microstructure was single-phase y [1-11]. When the as-quenched alloy
was aged at 500-550 °C, both spinodal decomposition and formation of

ordered k' carbides could be detected during the early stage of isothermal
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aging [3-11]. Han et al. proposed that ordered k' carbides nucleate in
C-rich zones of the y matrix after undergoing spinodal decomposition [4].
In contrast to this proposition, Choo et al. claimed that spinodal
decomposition and formation of ordered k' carbides occurred concurrently
within the y matrix during aging [8]. Additionally, depending on the
chemical composition, aging temperature, and aging time, the
wavelength was determined in the range of 23 to 35 nm [6~9]. In spite of
the different propositions for the process of spinodal decomposition and
ordering, it can generally be concluded:that austenitic FeAIMnC alloys
with 3.1<C<5.2 at.% also lay-within the spinodal, and that spinodal
decomposition and formation of ‘ordered k' carbides can only be detected
in the alloys during isothermal aging..However, in the present alloys with
5.5=C<8.0 at.%, spinodal decomposition and formation of ordered k'
carbides could occur during quenching. The apparent difference may be
attributed to the following two reasons: (1) the effect of strain energy
between the k' carbides and y, phase, as discussed above, and (ll) the
degree of carbon supersaturation in the initial y phase. As mentioned
above, the lattice modulation that occurred in the present alloys is mainly
caused by concentration fluctuations in the carbon atom, and the lattice

parameter of k' carbides increased with increasing carbon content of the
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alloy. The carbon concentration in k' carbides can be estimated using the
equation [15]: ax = 0.36626 + 0.00059C,, where the lattice parameter a,
and carbon concentration Cx are presented in nanometers and atomic
percent, respectively. The calculated results are also listed in Table 1. Itis
clear from the table that by increasing the carbon content of the alloy from
5.5 to 8.0 at.%, the carbon concentration in k' carbides gradually
increased from 11.08 at.% (X = 0.50) to 15.32 at.% (X = 0.73). It is evident
that a higher degree of carbon supersaturation in the initial y phase would
increase not only the amount ‘of fine k', carbides but also the carbon
concentration in the k' carbides.; Interestingly, it is noted here that the
carbon concentrations of 11.08=15.32 at% (X = 0.50-0.73) are
comparable to the values of 9-13 at.% (X = 0.4-0.66) reported by other
workers in austenitic Fe-(14-20) at.%Al-(27-30) at.%Mn-(3.7-5) at.%C

alloys aged at 500-550 °C for longer periods of time [6,9,11].

Finally, it is worth pointing out that no information concerning the
spinodal decomposition curve of the FeAIMnC alloy system has been
provided in the literature. Clearly, additional work is needed to further
understand the effects of carbon content on spinodal decomposition and

ordering in austenitic FeAIMnC alloys.
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3-4 Conclusions

In summary, spinodal decomposition and formation of ordered k'
carbides were observed in the present Fe-20 at.%Al-26 at.%Mn-C
alloys with 5.5=C<8.0 at.% under the as-quenched condition. The
gradual increase in both the wavelength and the amount of ordered k'’
carbides indicates that the reaction temperatures of both spinodal
decomposition and ordering increased with increasing carbon content.
With increasing carbon content, the lattice parameters of both the
ordered k' carbides and the.disordered y, phase increased, whereas the
misfit between the two phases decreased. The coherency strain energy
was expected to increase: dramatically. as the carbon content
approached slightly below 5.5 at.%. Given the remarkable increase in
strain energy, undercooling may be insufficient to overcome the strain
energy effects, which are responsible for the absence of spinodal
decomposition and formation of ordered k' carbides in the present alloy
A (5 C) and in previous austenitic FeAIMnC alloys with 3.1<C<5.2 at.%
under the as-quenched condition. Additionally, the carbon concentration
in the k' carbides formed in the present alloys increased with increasing
carbon content. This indicates that a higher degree of carbon

supersaturation in the initial y phase might promote a tendency toward
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C-rich k' carbide formation during quenching.
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A New Austenitic FeAIMnCrC Alloy with
High-Strength, High-Ductility, and Moderate

Corrosion Resistance

Abstract

In this study, a new austenitic Fe-9 wt.%Al-28 wt.%Mn-6 wt.%Cr-1.8
wt.%C alloy is developed. Because the alloy contains a high density of
fine (Fe,Mn);AIC carbides within the austenite matrix, the alloy in the
as-quenched condition exhibits an excellent combination of strength and
ductility comparable to that-of the aged FeAIMnC alloys. In addition,
owing to the formation of a layer of Cr.and Al oxides in the passive film
formed on the alloys, the corrosion potential E (-538 mV) and the
pitting potential E,, (-25 mV) of the present alloy in 3.5% NaCl solution
are considerably higher than the E. (-920~-789 mV) and E,, (-500~-240
mV) values of the as-quenched and aged FeAIMnC alloys. Whereas the
tensile strength of the present alloy is almost the same as that of
conventional AISI 410 martensitic stainless steel, the present alloy
possesses superior ductility than AISI 410 martensitic stainless steel.
Furthermore, in 3.5% NaCl solution, the E,, (-25 mV) of the present alloy

is noticeably higher than that (-250~-100 mV) of the conventional AlSI
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410 martensitic stainless steel. These results indicate that the present
alloy in the as-quenched condition can possess high-strength and

high-ductility as well as moderate corrosion resistance.
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4-1 Introduction

Previous studies have shown that the as-quenched microstructure of

the Fe-(7.8-10) wt.%Al-(28-34) wt.%Mn-(0-1.75) wt.%M (M=Nb+V+Mo+

W)-(0.85-1.3) wt.%C alloys is single austenite (y) phase or y phase with
small amounts of (Nb,V)C carbides [1-10]. Depending on the chemical
composition, the ultimate tensile strength (UTS), yield strength (YS), and
elongation of the as-quenched alloys ranges from 840 to 950 MPa, 410 to
550 MPa and 70 to 57%, respectively [3-5]. Based on the results of the
previous studies, it can be generally concluded that alloys having an
optimal combination of strength and-ductility can be obtained when the
as-quenched alloys are aged at 550°C for about 16 h, this optimal
combination is obtained because of the formation of fine (Fe,Mn);AIC
carbides (k' carbides) within the y matrix and the absence of precipitates
on the grain boundaries [5-8]. These alloys have an elongation better
than about 30%, and UTS and YS values of 953~1259 MPa and
665~1094 MPa, respectively [5-9]. Although the austenitic FeAMnI(M)C
alloys possess the remarkable combination of strength and ductility, the
corrosion resistance of these alloys in aqueous environments is not

adequate for use in industrial applications [1-15]. In order to improve the
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corrosion resistance, chromium has been added to the austenitic
FeAIMnC alloys [14-17]. Consequently, it has been found that the
corrosion resistance of the as-quenched Fe-(7.1-9.1) wt.%Al-(29.2-31.3)
wt.%Mn-(2.8-6) wt.%Cr-(0.88-1.07) wt.%C alloys becomes considerably
better than that of the as-quenched or aged FeAlIMn(M)C alloys [14-17].
However, the as-quenched microstructure of these FeAIMnCrC alloys still
remains to be single y phase [14-17]. It is thus expected that the
mechanical strength of the as-quenched FeAIMnCrC alloys would be low
similar to that of the as-quenched FeAIMn(M)C alloys. Furthermore,
previous studies on the ~Fe-(8.7-9)  wt:%Al--(28.3-30) wt.%Mn-(5-5.5)
wt.%Cr-(0.7-1) wt.%C alloys aged at 550~600°C for a time period longer
than 8 h have indicated that besides the formation of the fine k' carbides
within the y matrix, the coarse (Fe,Mn,Cr);C; carbides might precipitate
heterogeneously on the grain boundaries [18,19]. The precipitation of the
coarse (Fe,Mn,Cr);C; carbides on the grain boundaries results in the
corrosion resistance being poor [16,17]. This implies that it is difficult for
the austenitic FeAIMn(M)C and FeAIMnCrC alloys examined in the
previous studies to possess both high-strength and high-ductility along
with good corrosion resistance. Therefore, the main aim of this study is to

develop new austenitic FeAIMnCrC alloys that possess high-strength and
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high-ductility as well as an appropriate corrosion resistance.
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4-2 Experimental procedure

In this study, the properties of five FeAIMnCrC alloys were
investigated. Alloy A (0Cr) contained 28.1% Mn, 9.1% Al, 1.8% C, and
balance Fe. Alloys B (3Cr), C (5Cr), D (6Cr), and E (8Cr) contained nearly
the same amount of Mn, Al, and C, but contained different amounts Cr, i.e.
3.1, 5.0, 6.1 and 8.2%, respectively. The alloys were prepared in a
vacuum induction furnace by using pure Fe, Mn, Al, Cr, and carbon
powder. After being homogenized at 1250°C for 12 h under a protective
argon atmosphere, the ingots were hot-rolled to a final thickness of 6 mm.
The plates obtained after. hot rolling were subsequently solution
heat-treated at 1200°C -for ;2-"hT"and then quenched rapidly into
room-temperature water. The potentiodynamic polarization curves of the
alloys were measured in 3.5% NaCl solution at 23°C by using an EG&G
Princeton Applied Research Model 273 galvanostat/potentiostat at a
potential scan rate of 5 mVs™”. The concentration of elements in the
passive film formed on the surface of the alloys was examined by using a
combined Auger electron spectroscopy (AES)/ X-ray photoelectron
spectroscopy (XPS)/ secondary ion mass spectroscopy (SIMS) surface
analysis system. The microstructures of the alloys were examined by

optical microscopy and transmission electron microscopy (TEM). TEM
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specimens were prepared by using a double-jet electropolisher with an
electrolyte containing 15% perchloric acid, 25% acetic acid, and 60%
ethanol. Electron microscopy was carried out using JEOL-2100
transmission electron microscope operating at 200 kV. Tensile tests were
performed at room temperature using an Instron tensile testing machine
at a strain rate of 5x10™s™". The specimens used for the tensile test were
plates having a gauge length of 50 mm, width of 12 mm and thickness of
5 mm. The YS was measured at an offset strain of 0.2%, and the percent
elongation was determined from-the total elongation measured after

fracture.
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4-3 Results and discussion

Optical micrography examinations indicated that the as-quenched
microstructure of alloys A (0Cr) through D (6Cr) was essentially y phase
with annealing twins. A typical example is shown in Figure 4.1a. The
micrograph indicates that Cr could be completely dissolved within the vy
matrix at 1200°C for Cr = 6%. However, when the Cr content was
increased up to 8%, some precipitates were observed to be formed on the
grain boundaries, as illustrated in Figure 4.1b. TEM examinations
indicated that the precipitates on the grain boundaries were
(Fe,Mn,Cr);C5; carbides ,these precipitates were similar to those
observed by the present-researchers’in the as-quenched Fe-(7.1-9.1)
wt. %Al -(29.2-30.2) wt.%Mn -(6:6-9.1) wt.%Cr-(0.94-1.07) wt.%C alloys
[16,17]. TEM examinations also revealed that a high density of fine k'
carbides was present within the y matrix in all the alloys. The fine k'
carbides having an L'1, (ordered f.c.c.) structure were formed by spinodal
decomposition during quenching. An example is shown in Figures 4.1c
and 1d. This result is similar to that obtained for the as-quenched Fe-9
wt.%Al-(28-30) wt.%Mn-(1.8-2) wt.%C alloys [20,21]. Accordingly,
besides the presence of the coarse (Fe,Mn,Cr);C5; carbides on the grain

boundaries in alloy E (8Cr), the as-quenched microstructure of alloys
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Figure 4.1(b)
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Figure 4.1(d)

Figure 4.1 Optical micrographs of present alloys: (a) alloy D (6Cr), and (b)

alloy E (8Cr). Transmission electron micrographs of alloy D

(6Cr): (c) (100)x DF, and (d) a selected area diffraction pattern

taken from a mixed region covering the y matrix and fine k'

carbides. The zone axis is [001] (hkl: y matrix; hkl: k' carbide).
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A (0Cr) through E (8Cr) was y phase containing fine k' carbides.

Figure 4.2 shows the potentiodynamic polarization curves of the five
alloys measured in 3.5% NaCl solution. A broad passive region can be
clearly observed in the curves of all the alloys except in the curve of the
alloy not containing Cr. In addition, the width of the passive region
increased as the Cr content increased from 3 to 6%, and the width
decreased as the Cr content increased further up to 8%. The
characteristic electrochemical parameters extracted from the polarization
curves are listed in Table 4.1. As the Cr.content changed, the corrosion
potential (Eor) Of the alloys,varied from -846.to -538 mV. Alloy D (6Cr)
exhibited the noblest Eqr (938 mV). Similarly, as the Cr content
increased from 3 to 6%, the pitting potential (E,,) drastically increased
from -223 to -25 mV. However, when the Cr content was increased further
up to 8%, E,, became more negative (-412 mV). This indicated that alloy
D (6Cr) had the highest resistivity to pitting damage. Figures 4.3a-d show
the Auger depth profiles of the passive film formed on alloys A (0Cr), B
(3Cr), D(6Cr), and E(8Cr), respectively. As can be clearly seen in these
figures, broad peaks of Cr, Al, and O were observed at a depth of 0-2mm
in alloys B(3Cr), D(6Cr), and E (8Cr) alloys. The presence of a layer of Cr

and Al oxides in the passive film may play an important role in improving
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the corrosion resistance characteristics of alloys B (3Cr) through D (6Cr).
However, the formation of the coarse Cr-rich (Fe,Mn,Cr);C; carbides
resulted in a drastic decrease in the E,r and E,, values of alloy E (8Cr).
As expected, the experimental results presented above were similar to
those obtained for the as-quenched Fe-(7.1-9.1) wt.%AI-(29.2-30.2)

wt.%Mn-(0-9.1) wt.%Cr-(0.94-1.07) wt.%C alloys [18, 19].

The tensile properties of the five as-quenched alloys investigated in
the present study are also listed in Table 4.1. It can be clearly seen from
the table that the UTS, YS,.and elongation. of alloy A (OCr) were 1080
MPa, 868 MPa, and 55.5%,; respectively. ‘As, the Cr content increased
from 3 to 6%, the tensile strengthslightly increased. Alloy D (6Cr)
possessed the highest UTS (1122 MPRa) and YS (902 MPa) with a good
elongation of 36.5%. Owing to the high density of fine k' carbides within
the y matrix, alloys A (0OCr) through D (6Cr) in the as-quenched condition
could possess a remarkable combination of strength and ductility. This
result is similar to that reported for the Fe -9 wt.%Al-28 wt.%Mn-1.8
wt.%C alloy [21]. However, when the Cr content was increased up to 8%,
both the strength and elongation drastically reduced because of the

formation of the coarse (Fe,Mn,Cr),C3 carbides on the grain boundaries.
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Table 4.1 Electrochemical parameters extracted from polarization curves

and mechanical properties of the present five alloys.

Alloy Electrochemical parameters from polarization curvczas Mechanical properties
Ecor (MV) Ecr (MV) Epp (MV) I (A-cm™) UTS (MPa) YS (MPa) EI (%)
A (0Cr) -846 — — — 1080 868 55.5
B (3Cr) -710 -572 -223 1.5E-05 1092 876 47.2
C (5Cr) -571 -524 -65 8.19E-06 1102 882 39.1
D (6Cr) -538 -490 -25 9.12E-07 1122 902 36.5
E (8Cr) -746 -652 -412 3.52E-06 984 835 22.6

E.or, corrosion potential; E,, critical potential for active-passive transition;
E,p, pitting potential; I,, passive current.density; minimum value.
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On the basis of the above observations, three important experimental
results are obtained as discussed below. (1) A comparison of the results of
this study with those of previous studies, revealed that the yield strength
of alloy D (6Cr) was not only superior to that (410~550 MPa) of the
as-quenched Fe-(7.8-10) wt.%Al -(28-34) wt.%Mn-(0-2.8) wt.%Cr-(0-1.75)
wt.%M (M=Nb+V+Mo+W)-(0.85-1.3) wt.%C alloys but also comparable to
that (665~1094 MPa) of the aged alloys [3-9, 11-15]. In addition, the E
and Eg, values of the alloys measured in 3.5% NaCl solution in previous
studies were in the range of+-920 to =789 mV and -500 to -240 mV,
respectively [11-15]. Owing to the presence of a layer of Al and Cr oxides
in the passive film, the Eg and E,, values of alloy D (6Cr) drastically
increased to -538mv and’-25mV,. .respectively. Therefore, it was
concluded that the as-quenched alloy D (6Cr) possessed a better
combination of high-strength, high-ductility, and moderate corrosion
resistance. (II) The corrosion resistances of the present alloys in 3.5%
NaCl solution were similar to those of the as-quenched Fe-(7.1-9.1)
wt.%Al-(29.2-30.2) wt.%Mn-(3-9.1) wt.%Cr-(0.94-1.07) wt.%C alloys
[16,17]. This implied that the presence of the fine k' carbides within the vy
matrix did not considerably affect the electrochemical behavior of the

alloy in 3.5% NaCl solution. (lll) The FeAIMnC alloy system was initially
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developed with the intention of replacing the conventional FeNiCr
stainless steels because of its high strength, good toughness, low density,
and low cost. However, previous studies revealed that the FeAlMnC

alloys exhibited poor corrosion resistance in aqueous environments

[11-15]. It is interesting to note that the characteristics of alloy D (6Cr) are
similar to those of the conventional martensitic stainless steels,
conventional martensitic stainless steels are commonly used for
manufacturing components that require a combination of high strength
and moderate corrosion resistance [22]. AlSI 410 (12%Cr-0.10%C) is an
example of martensitic stainless steels [22]. Therefore, in the following
description, we will compare the properties of AlSI 410 and alloy D (6Cr).
The high strength and moderate ‘carrosion resistance of the AISI 410 can
be achieved by carrying out heat treatment, including austenitizing,
air-quenching and tempering treatments [22]. After being tempered at a
temperature between 250 and 593°C, the UTS, YS, and elongation were
found to be 827~1337 MPa, 724~1089 MPa, and 20~17%, respectively
[22]. Additionally, the Ecor and Ep, values of AlSI 410 measured in 3.5%
NaCl solution ranged from -675 to -312 mV and -250 to -100 mV,
respectively [23-25]. The mechanical strength of alloy D (6Cr) was

comparable to that of AISI 410, and alloy D exhibited better elongation
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than AlSI 410. In addition, the E,, value (-25 mV) of alloy D (6Cr) was
much higher than that (-250~-100 mV) of AISI 410. This might be
attributed to the fact that although AlISI 410 might have a Cr content of up
to about 12%, a large amount of coarse Cr-rich (Fe,Cr),3Cgs carbides
precipitate within its martensitic matrix during tempering. The precipitation
causes the Cr concentration, which is dependent on the Cr-rich carbides,
to reduce considerably, and hence, the boundaries between the carbides
and the martensitic matrix act as locations for nucleation and as anodic
positions for pitting corrosion.[26,27]. Therefore, the pitting potential of
the tempered AISI 410 ~decreases | considerably. In contrast to the
tempered AlSI 410, there:wasno‘evidence of the formation of chromium
carbides in the as-quenched alloy D.(6Cr). Furthermore, the average
particle size of the fine k' carbides was only about 22 nm. In addition, the
fine k' carbide had the same crystal structure and a similar lattice
parameter as the y matrix, therefore, the interface between the k' carbide
and the y matrix was completely coherent. Consequently, even at a
considerably low Cr content, the pitting potential of alloy D (6Cr) was

noticeably higher than that of the tempered AlISI 410.
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4-4 Conclusions

In this study, a new austenitic Fe-9 wt.%Al-28 wt.%Mn-6 wt.%Cr-1.8
wt.%C alloy is developed. The as-quenched alloy possesses a
remarkable combination of high-strength, high-ductility, and moderate
corrosion resistance, which is attributed to the presence of fine k' carbides
formed coherently within the y matrix during quenching and to a layer of
Cr and Al oxides in the passive film. The pitting potential Eg, (-25 mV) of
alloy D (6Cr) measured in 3.5% NaCl solution is noticeably higher than
that of the aged FeAIMnC alloys(-500~-240 mV) and the tempered AlSI
410 martensitic stainless: steel(-250~-100-mYV). In addition, the tensile
strength of alloy D is comparable to'that of the aged FeAIMnC alloys and

AlSI 410.
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